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Abstract: In this work, the formation and thermal stability of the ω-Ti(Fe) phase that were produced
by the high-pressure torsion (HPT) were studied in two-phase α-Ti + TiFe alloys containing 2 wt.%,
4 wt.% and 10 wt.% iron. The two-phase microstructure was achieved by annealing the alloys at
470 ◦C for 4000 h and then quenching them in water. Scanning electron microscopy (SEM) and X-ray
diffraction (XRD) were utilized to characterize the samples. The thermal stability of theω-Ti(Fe) phase
was investigated using differential scanning calorimetry (DSC) and in situ high-temperature XRD. In
the HPT process, the high-pressureω-Ti(Fe) phase mainly formed from α-Ti. It started to decompose
by a cascade of exothermic reactions already at temperatures of 130 ◦C. The decomposition was
finished above ~320 ◦C. Upon further heating, the phase transformation proceeded via the formation
of a supersaturated α-Ti(Fe) phase. Finally, the equilibrium phase assemblage was established at
high temperatures. The eutectoid temperature and the phase transition temperatures measured in
deformed and heat-treated samples are compared for the samples with different iron concentrations
and for samples with different phase compositions prior to the HPT process. Thermodynamic
calculations were carried out to predict stable and metastable phase assemblages after heat-treatments
at low (α-Ti + TiFe) and high temperatures (α-Ti + β-(Ti,Fe), β-(Ti,Fe)).
Keywords: Ti–Fe; high-pressure torsion; microstructure; high-temperature XRD; differential scanning
calorimetry; phase diagram; CalPhaD
1. Introduction
Titanium and titanium-base alloys are promising materials for numerous engineering applications,
because they have several outstanding properties [1]. In particular, binary Ti–Fe alloys are in the focus
of ongoing research as materials for biomedical applications, because they possess excellent corrosion
resistance, high wear resistance, biocompatibility, and appropriate mechanical properties, for instance,
a low elastic modulus in comparison with other biocompatible metallic materials [2–4]. Furthermore,
the binary intermetallic phase TiFe has been presented as a possible material for solid-state hydrogen
storage applications [5,6]. Some methods of severe plastic deformation (SPD), such as ball milling
and high-pressure torsion (HPT), were utilized to reduce the surface oxidation and to activate the
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material in order to improve the hydrogen storage properties of TiFe [7,8]. Originally, the SPD methods
were utilized to generate bulk nanocrystalline materials that show, in many cases, better physical and
mechanical properties than their microcrystalline counterparts [9,10]. Later, it turned out that the
unique properties are also facilitated by diffusive and displacive (martensitic) phase transformations,
which occur in the material during the HPT process [11–13]. However, the mechanism of the phase
transformations and the influence of the initial microstructure on the phases formed after HPT are not
fully understood yet.
In the unary Ti system, titanium exists in three modifications: as hexagonal α-Ti (space group
(SG) P63/mmc) that is stable at low temperatures, as cubic β-Ti (SG: Im3m), which is stable at high
temperatures, and as hexagonalω-Ti (SG: P6/mmm), which is stable at high pressures. In the binary
Ti–Fe system, two intermediate intermetallic phases TiFe (SG: Pm3m) and TiFe2 (SG: P63/mmc) are
formed in addition to the phases that are summarized above and in addition to α-Fe/δ-Fe (SG: Im3m)
and γ-Fe (SG: Fm3m). Furthermore, at least two metastable phases, which are formed during a
martensitic transformation upon quenching from the bcc-type β-(Ti,Fe) solid solution, were reported
in the Ti-rich part of the Ti–Fe system. The first one is a close-packed hexagonal α´-Ti phase (SG:
P63/mmc) [14–17], which is observed in Ti-rich alloys (>95 wt.% Ti), the other one is the so-called
athermalω-Ti(Fe) phase that exists and in a limited compositional range between 97 wt.% and 95 wt.%
Ti [18–22]. For higher Fe concentrations (and lower Ti contents), β-(Ti,Fe) is retained as a metastable
phase in the alloys.
Phase transitions and respective transformation pathways that were induced by high-pressure
torsion were reported for Ti-rich Ti–Fe alloys containing 1–10 wt.% Fe in different initial states
(as-cast [23] and heat-treated [24–28]), and, thus, for different phase compositions prior to the HPT
process. The as-cast alloys contained a mixture of α-Ti and β-(Ti,Fe) that were partially transformed
intoω-Ti(Fe) during the HPT process. The heat treatments were performed almost exclusively above
the eutectoid temperature of ~595 ◦C (β-(Ti,Fe)
 α-Ti + TiFe) [14], i.e., in the single-phase β-(Ti,Fe) or
in the two-phase α-Ti + β-(Ti,Fe) regions. After annealing, the samples were quenched in water. The
retained amount of the high-pressureω-Ti(Fe) phase after HPT and the transformation pathway varied,
depending on the initial phase fractions and the chemical compositions of the quenched phases [26].
Heat-treated alloys with Fe contents below 4 wt.% contained α′-Ti martensite and/or metastable
β-(Ti,Fe) after quenching [24–28]. During HPT, α′-Ti and β-(Ti,Fe) transformed partially toω-Ti(Fe).
The Fe content in β-(Ti,Fe) depends on the overall Fe concentration in the Ti–Fe alloys and it
can vary in a relatively broad range. However, if β-(Ti,Fe) contains ~4 wt.% Fe, athermal ω-Ti(Fe)
can be formed within the β-(Ti,Fe) grains after quenching [28,29]. The phase transformation β-(Ti,Fe)
→ω-Ti(Fe) is promoted for an iron content about 4 wt.% Fe, because both crystal structures possess
a strong orientation relationship (OR) {111}β||(0001)ω and 〈110〉β||〈1120〉ω [18,22], and because the
atomic distances within the habitus planes match perfectly together at this composition. Thus, this
phase transformation proceeds diffusionless by shearing the crystal structure of β-(Ti,Fe) in the HPT
process [26]. For lower Fe contents (≤2 wt.% Fe), the HPT process induces an incomplete ω-Ti(Fe)
phase transition [25,28], because the transition of α′-Ti toω-Ti(Fe) dominates the phase transformation
process, which involves the redistribution of iron atoms between α′-Ti andω-Ti(Fe). The mass transfer
impedes finally the phase transformation [26,28].
So far, the thermal stability of HPT-induced ω-Ti(Fe) was predominantly investigated in the
samples, which were annealed above the eutectoid temperature (~595 ◦C) prior to the HPT process and
that contained α-Ti, β-(Ti,Fe) andω-Ti(Fe) in different ratios after the HPT treatment [27,28]. In these
samples, the HPT-inducedω-Ti(Fe) phase transformed upon heating at 380 ◦C into a supersaturated
hexagonal α-Ti(Fe) phase. Above 600 ◦C, α-Ti(Fe) decomposed into the equilibrium phases α-Ti and
β-(Ti,Fe), whose fraction varied with the overall composition of the alloy [27].
The thermal stability of ω-Ti(Fe) that was generated by HPT in samples annealed below the
eutectoid temperature, i.e., in the α-Ti + TiFe two-phase region, was not investigated in detail yet.
Thus, only very little is known regarding the phase transformations in the Ti–Fe alloys with this
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phase composition. Still, in Reference [24], the binary alloy Ti-4Fe (4 wt.% Fe) was heat-treated
below the eutectoid temperature at 470 ◦C for 750 h and subsequently subjected to HPT. After initial
annealing, this alloy contained a mixture of the α-Ti and TiFe phases, which partially transformed
into ω-Ti(Fe). Thus, the HPT-deformed microstructure consisted of α-Ti, TiFe and ω-Ti(Fe). In the
present work, the HPT-induced formation ofω-Ti(Fe) in initially two-phase alloys (α-Ti + TiFe) is more
systematically studied and the stability of the metastable ω-Ti(Fe) phase is investigated upon heating.
The transformation pathway was derived from the results of in situ high-temperature X-ray diffraction
(HTXRD) and thermal analysis (TA). The experiments were complemented by pressure-dependent
thermodynamic calculations that were based on the CalPhaD (calculation of Phase Diagrams) approach,
which helped to understand the phase transformations in this system during deformation and heating.
2. Materials and Methods
In the frame of the present work, three alloy compositions (Ti-2Fe, Ti-4Fe, and Ti-10Fe) were
prepared and investigated. The numerical values give the iron concentrations in wt.%. The alloys
were produced by induction melting of pure materials (Ti: 99.9% and Fe: 99.97%) in vacuum. The cast
rod-shaped samples (10 mm in diameter) were cut into the disks of 0.7 mm thickness, which were
polished, etched, and annealed for 4000 h at 470 ◦C in vacuum and subsequently quenched in water.
The annealing was carried out in sealed fused silica ampoules, which were evacuated up to the pressure
of 4 × 10−4 Pa. The heat-treated samples were deformed by high-pressure torsion (HPT, five rotations)
in a Bridgeman anvil-type press (Klement, Lang, Austria). The HPT process was carried out at an
ambient temperature, at a pressure of 7 GPa and with the deformation speed of 1 rpm while using a
computer-controlled HPT device.
The oxygen content in the samples was determined using carrier gas hot extraction (CGHE) after
the HPT process and after the HTXRD measurements. For the CGHE analyses, the GALILEO G8
device (Bruker AXS, Karlsruhe, Germany) was used. The measurements were performed in a graphite
crucible while using He as the carrier gas. Before each measurement, the samples were dipped in
diluted HCl acid to remove oxide layers from the sample surface. The spatial distribution of the phases
was obtained from the scanning electron micrographs for both heat-treated and deformed states. The
SEM images were recorded while using back-scattered electrons (SEM/BSE) with the JSM-7800 F (JEOL,
Tokyo, Japan) microscope operating at the accelerating voltage of 20 kV. The grain-size distributions of
the phases were determined using electron backscatter diffraction (EBSD) that was performed with an
EDAX/EBSD system. The analysis of the data was done while utilizing the OIM Analysis software
(version 8, AMETEK/EDAX TSL, Mahwah, NJ, USA). The phase identification in the heat-treated and
HPT deformed samples was performed by means of X-ray diffraction (XRD) in a D8 Advanced (Bruker
AXS, Germany) diffractometer. The diffractometer worked in the Bragg–Brentano geometry, and it
was equipped with a sealed X-ray tube with Co anode (wavelength of CoKα1 = 0.178897 nm), with a
Johannson-type monochromator in the primary beam that suppressed the spectral line CoKα2 and
with a LynxEye one-dimensional detector. The ex situ XRD patterns were analyzed using the Rietveld
method [30,31] (whole pattern refinements), as implemented in the TOPAS [32] software package
(version 5, Bruker AXS, Karlsruhe, Germany).
The HTXRD experiments were performed at a constant heating rate of 10 K/min in the temperature
range between room temperature and 750 ◦C using aθ-θBruker D8 Advance diffractometer (Bruker AXS,
Germany) that utilized the Bragg–Brentano geometry, CuKα radiation (wavelengths: 0.154056 nm and
0.154437 nm), a LynxEye XE one-dimensional detector (Bruker AXS, Germany) and the high-temperature
chamber MTC HighTemp+ (Bruker AXS, Germany). During the HTXRD measurements, the samples
were placed on a resistively heated tantalum strip that was surrounded by an additional Ta radiation
heater to reduce the temperature gradients in the sample. A type D thermocouple (W-Re3/W-Re25),
which was contacted on the heating strip below the sample position, was used to measure the sample
temperature. The sample was placed on a (100)-oriented sapphire plate in order to avoid reactions
between the sample and the Ta heater. The chamber was evacuated to a pressure of ~7 × 10−3 Pa to
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reduce the oxidation of the sample. The HTXRD patterns were recorded in a 2θ range between 33◦
and 45◦ with a step size of 0.02◦ in order to speed up the measurement and reduce the difference in
the annealing time and in the temperature during the acquisition of individual diffraction patterns.
The temperature difference between the beginning and the end of each measurement was 20 K at the
acquisition time of 120 s per diffraction pattern.
Differential scanning calorimetry (DSC) was utilized to determine phase transformation
temperatures in the heat-treated samples before and after the HPT process. For DSC, the samples
were placed in a platinum crucible with a thin Al2O3 inlet to avoid reactions of the samples with the
Pt crucible. The measurements were performed in inert Ar atmosphere (99.999% + Varian cleaning
system) while using the differential scanning calorimeter DSC Pegasus 404C (Netzsch, Selb, Germany).
Before each experiment, the calorimeter was evacuated and back-filled with Ar several times to remove
the remaining oxygen from the DSC chamber. The measurements were done in the temperature
range between 35 ◦C and 1100 ◦C using the same heating rate of 10 K/min as used for the HTXRD
measurements. The temperatures that were recorded in the DSC device were calibrated using melting
points of pure metals (In, Sn, Al and Au).
3. Results
3.1. Characterization of the Initial State of the Samples
After annealing at 470 ◦C, i.e., below the temperature of the eutectoid reaction β
 α-Ti + TiFe,
the alloys Ti-2Fe, Ti-4Fe, and Ti-10Fe show a two-phase α-Ti + TiFe microstructure (see Figure 1a–c).
Some TiFe particles were ordered in chains along the boundaries of the α-Ti grains (see, for example,
Figure 1a). This phenomenon is called incomplete or complete grain boundary wetting by a second solid
phase and it has been previously observed in various Ti-based alloys [23,33–37]. In the corresponding
SEM/BSE micrographs, the TiFe grains appear to be bright due to a higher Fe content and, thus, a
higher mean atomic number of TiFe as compared to α-Ti. Moreover, no coarse-grain microstructure
of TiFe was observed, even though the samples were annealed for 4000 h at 470 ◦C. The averaged
grain sizes of α-Ti, determined using EBSD were (3.1 ± 2.0) µm, (3.0 ± 2.0) µm, and (1.4 ± 1.0) µm
in the alloys Ti-2Fe, Ti-4Fe, and Ti-10Fe, respectively. The sizes of the TiFe grains were (0.6 ± 0.2)
µm, (0.7 ± 0.3) µm, and (2.1 ± 1.0) µm in the same samples. The limited growth of the α-Ti and TiFe
grains can be explained by either very slow recrystallization and grain-growth kinetics or by very slow
diffusion velocities at the heat-treatment temperature of 470 ◦C. The phase fractions of α-Ti and TiFe
were concurrently determined from the whole XRD patterns using the Rietveld method and from the
chemical composition of the respective alloy using the lever rule for comparison (see Table 1) [14].
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Figure 1. Initial microstructures of samples Ti-2Fe (a), Ti-4Fe (b), and Ti-10Fe (c) annealed at 470 ◦C for
4000 h. The white grains belong to TiFe, the gray areas to α-Ti.
Upon the Rietveld refinement, the lattice parameters of α-Ti and TiFe were calculated in addition
to the phase composition that was fit together with the degree of the preferred orientation {0001} of
the α-Ti crystallites. The March–Dollase model described this texture, which was probably caused
by the foregoing sample preparation and annealing [38]. Applying this model, the phase fractions
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obtained from XRD for Ti-2Fe and Ti-4Fe agree very well with the phase fractions calculated from
the chemical composition (Table 1). In alloy Ti-10Fe; however, the apparent texture was much more
complex, because bad grain statistics caused the differences in diffracted intensities. Consequently, it
was not possible to describe the texture satisfactorily using the March–Dollase model, which led to a
larger uncertainty in the calculated phase fractions of α-Ti and TiFe (see Table 1). Assuming that the
equilibrium state was achieved in all samples, the chemical compositions of α-Ti and TiFe are the same
for all of investigated alloys (independent of the iron content). The lattice parameters of α-Ti and TiFe
were aα-Ti = 0.2951(2) nm, cα-Ti = 0.4691(2) nm and aTiFe = 0.2978(2) nm, respectively. The obtained
lattice parameters aα-Ti and cα-Ti correspond to the maximum Fe content in α-Ti at 470 ◦C. The lattice
parameter aTiFe agrees with the reference value for TiFe [39].
Table 1. Comparison of the phase fractions in the samples annealed at 470 ◦C for 4000 h, which were
determined from the X-ray diffraction (XRD) measurements and calculated using the thermodynamic
description of the binary Ti–Fe system by application of the lever rule. All of the phase amounts are
given in wt.%. The uncertainty of the XRD phase analysis utilizing Rietveld refinement falls generally
within a range of 1% to 3%.
Samples
Phase Fractions
Measured by XRD Calculated
α-Ti TiFe α-Ti TiFe
Ti-2Fe 95 5 95.9 4.1
Ti-4Fe 92 8 92.6 7.4
Ti-10Fe 77 23 81.3 18.7
The phase transition temperatures of the annealed alloys were determined by means of DSC upon
heating at the heating rate of 10 K/min and they are shown in Figure 2. The endothermic heat effect
registered at ~584 ◦C corresponds to the eutectoid reaction β
 α-Ti + TiFe that was detected in all of
the samples, but with different extents. The increase of the heat amount with increasing Fe content is
related to a higher amount of TiFe taking part in the eutectoid reaction. The β-transus temperatures
(marked by crosses in Figure 2) decrease with an increasing Fe content, because the eutectoid point is
located at higher iron contents (between 11 wt.% and 14 wt.% Fe) [14,40–43].
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Figure 2. Differential scanning calori etry (DSC) heating curves of alloys Ti-2Fe, Ti-4Fe, and Ti-10Fe
measured with the heating rate of 10 K/min. The DSC curves were shifted vertically for better visibility.
The dashed line indicates the temperature of the eutectoid reaction β 
 α-Ti + TiFe. The crosses
indicate the β-transus temperatures (solvus temperatures of the β phase), which were determined as
inflection points of the respective DSC curve.
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3.2. Characterization of the Deformed Samples after HPT Process
Microstructural changes in the HPT-deformed alloys were characterized while using SEM
(Figure 3a–c). Apparently, the TiFe phase (white grains) is only slightly affected by the HPT process,
because the α-Ti matrix mainly absorbed the deformation energy. After HPT, the grains of the α-Ti
matrix are strongly refined. This behavior is expected, because the intermetallic compound TiFe is
much harder (481 ± 44 HV0.025 [44]) than the soft α-Ti matrix (~180 HV0.5 [45]). Still, the chains of the
TiFe precipitates, which were initially ordered in the annealed samples, were destroyed (compare the
micrographs in Figures 1 and 3). The oxygen content within the deformed samples measured while
using CGHE was very low, namely 0.0049(3) wt.%, 0.0055(3) wt.%, and 0.0024(3) wt.% for the alloys
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Figure 3. Microstructures of the high-pressure torsion (HPT) samples Ti-2Fe (a), Ti-4Fe (b), and Ti-10Fe
(c) as seen by SEM/BSE. Prior to the HPT process, the samples were annealed at 470 ◦C for 4000 h. The
white grains are TiFe, the gray areas correspond to the α-Ti andω-Ti(Fe) phases.
The phase analysis using XRD confirmed that the HPT process producedω-Ti(Fe). The comparison
of the phase fractions in the annealed (Table 1) and HPT-treated samples (Table 2) shows that the amount
of TiFe only decreased slightly, while the amount of α-Ti was drastically reduced during the HPT
process. Thus, theω-Ti(Fe) phase predominantly developed from α-Ti. In the alloys Ti-2Fe and Ti-4Fe,
approximately 50 wt.% of α-Ti, was transformed intoω-Ti(Fe). Higher Fe contents and, consequently,
a higher amount of the TiFe phase present in the respective alloys impede the HPT-induced phase
transition, as can be seen on the lower relative amount ofω-Ti(Fe) in alloy Ti-10Fe (Table 2). As the
lattice parameters of α-Ti in the annealed samples does not depend on the chemical composition of the
alloy (see Section 3.1) the HPT-induced phase transformation α-Ti + TiFe→ω-Ti(Fe) + TiFe must be
impeded by a higher amount of TiFe because the concentration of Fe in α-Ti is the same.
Table 2. Phase f actions (wt.%) in HPT-deformed samples, as determined using XRD. nα→ω =ω/(α +
ω) is the fraction of α-Ti, which ransformed t ω-Ti(Fe). The errors of the XRD phase analysis (1% to
3%) w re estimated based on the goodness of fit.
Samples Phase Fractions XRD
α-Ti(Fe) TiFe ω-Ti(Fe) nα→ω
Ti-2Fe 45 4 51 0.53
Ti-4Fe 45 5 50 0.53
Ti-10Fe 52 17 31 0.37
After the HPT treatment, the line positions of the α-Ti(Fe) and TiFe phases were found to be
shifted towards lower diffraction angles in all alloys. Such an increase of th unit cell volume of the
phases after the deformati n by HP was already d tected in earlier b ervations [24–26]. A large
amount of defects and lattice distortions are generated during the severe plastic deformatio in the
HPT process [9,46], which lead to an increase o the lattice parameter of α-Ti nd TiFe were aα-Ti =
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0.2956(1) nm, cα-Ti = 0.4694(1) nm, and aTiFe = 0.2982(1) nm, respectively. The refined lattice parameters
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with abcc = 0.3267(1) nm. After HPT deformation, a satisfying agreement between the measured and
refined XRD data was achieved, even for Ti-10Fe, when the preferred orientation was implemented
into the Rietveld refinement using TOPAS [32], as described above. It was found that the α-Ti phase
possesses a {0001} texture, which is, however, almost negligible for Ti-2Fe.
3.3. Thermal Stability of ω-Ti(Fe) Produced by the HPT Process
Complementary DSC and high-temperature XRD measurements were performed for the
description of the thermal stability of the deformation-induced ω-Ti(Fe) phase. The DSC curves of
the HPT-deformed samples were recorded upon heating at the heating rate of 10 K/min, and they are
shown in Figure 4. The HTXRD patterns (Figure 5) were measured at the same heating rate (10 K/min).
For HTXRD, the sample temperatures were calibrated with the aid of the initial temperature at the
beginning of the measurements (25 ◦C) and while using the temperature of the endothermic effect
at 562 ◦C that corresponds to the eutectoid reaction β
 α-Ti + TiFe and the transformation of the
intermetallic phase TiFe. The transformation of TiFe can be detected by both techniques, DSC and XRD.
The reaction temperature should be the same for all of the investigated alloys due to the invariance of
the eutectoid reaction. Therefore, the same temperature calibration procedure can be applied to all
investigated alloys.
Prior to the DSC and HTXRD measurements, all of the samples contained a mixture of α-Ti(Fe),
TiFe andω-Ti(Fe). The denotation α-Ti(Fe) emphasizes an increased iron solubility in α-Ti, due to (i) the
HPT process and (ii) the reconversion of ω-Ti(Fe)→ α-Ti(Fe) upon heating. These phenomena will be
discussed in detail below. The first DSC effect observed upon heating was an exothermic peak occurring
at approx. 130 ◦C (Figure 4), which was accompanied by the sharpening of the originally extremely
broad XRD lines from α-Ti(Fe) (Figure 5). Concurrently, the XRD lines from α-Ti(Fe) became more
intense at the expense of the XRD lines fromω-Ti(Fe), which indicates the onset of the reconversion
of ω-Ti(Fe) to α-Ti(Fe). At 320 ◦C, the phase transition ω-Ti(Fe)→ α-Ti(Fe) proceeds tremendously.
The transition is completed at temperatures that were slightly above ~350 ◦C. In contrast to HTXRD,
DSC did not recognize the end of the decomposition ofω-Ti(Fe), because it is not accompanied with a
noticeable thermal effect. The ω-Ti(Fe)→ α-Ti(Fe) transition is a continuous process, thus the heat
release is spread over a broad temperature range.
After the decomposition of ω-Ti(Fe), all of the samples exhibited a two-phase microstructure
containing hexagonal α-Ti(Fe) and cubic TiFe. The appearance of an additional diffraction line (0002
of α-Ti, c.f., Figure 5) at lower diffraction angles and the presence of anisotropic (hkl-dependent) line
broadening upon further heating indicate changes in the Fe concentration in the α-Ti(Fe) phase. The
incorporation of Fe into the hexagonal α-Ti lattice mainly leads to a reduction of the lattice parameter
cα-Ti, while the lattice parameter aα-Ti remains nearly unaffected [25,27]. Accordingly, the diffraction
line 0002, which appears at temperatures above 400 ◦C, and that is located at a lower diffraction angle in
Figure 5b, corresponds to the equilibrium α-Ti phase that only exhibits a negligible solubility for Fe [14].
On the other side, the hexagonal α-Ti(Fe) phase, which is present in all alloys after the HPT process
and that is formed by the back-transformation ofω-Ti(Fe), should possess increased iron solubility.
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Figure 4. DSC heating curves of alloys Ti-2Fe, Ti-4Fe, and Ti-10Fe measured with the heating rate
of 10 K/min. The dashed lines at 130 ◦C and 320 ◦C indicate the beginning and the end of the ω
back-transformation as concluded from high-temperature X-ray diffraction (HTXRD). The dashed line
at 562 ◦C marks the eutectoid reaction β-(Ti,Fe)
 α-Ti(Fe) + TiFe. The temperatures marked by crosses
indicate the β-transus temperatures (solvus temperatures of the β phase), which were determined as
inflection points of the respective DSC curves.Metals 2019, 9, x FOR PEER REVIEW 9 of 17 
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the measured phase transition temperatures (DSC) of the samples in the initial state (red) and after 
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The sequence of the phase transitions is illustrated on the temperature dependence of the 
integral intensities of the XRD lines measured for individual phases (Figure 7), i.e., 1011 /1120 , 110TiFe, 110 , and 1010 /0002 /1011 . For ω-Ti(Fe) and α-Ti(Fe), the sums of the integral intensities 
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Figure 5. Low-angle part of the HTXRD patterns of Ti-2Fe, Ti-4Fe, and Ti-10Fe that were originally
annealed for 4000 h at 470 ◦C and subjected to HPT. The positions of diffraction lines originating from the
phases α-Ti(Fe), β,ω and TiFe are indicated by markers at the top or inside the figures. The temperature
axes of the HTXRD measurements were calibrated according to the DSC measurements as described in
the text. The dashed lines in (a) indicate the transformation temperatures upon heating from Figure 4.
(b) illustrates the change of the 0002 line position in Ti-10Fe (see inset in (a)) at high temperatures.
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At the temperature of 562 ◦C, the mixture of α-Ti, α-Ti(Fe) and TiFe transforms via an eutectoid
reaction into a two-phase mixture of β-(Ti,Fe) and α-Ti (Figure 5). In the DSC measurements (Figure 4),
the temperature of the eutectoid reaction was determined from its onset point. Above the eutectoid
temperature, the amount of β-(Ti,Fe) continuously increases with further heating. The transus
temperatures of β-(Ti,Fe) determined using DSC depends on the iron content in the respective alloy
(Figure 4). A comparison of the eutectoid temperature and the β-(Ti,Fe)-transus temperatures that were
measured for the heat-treated (Figure 2) and severe plastically deformed samples (Figure 4) reveals
that both temperatures are slightly shifted towards lower values after the HPT process. Figure 6 shows
a comparison of the transition temperatures measured by DSC before and after HPT.
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Figure 6. Partial phase diagram of the Ti-rich corner of the binary Ti–Fe system. The circles indicate
the measured phase transition temperatures (DSC) of the samples in the initial state (red) and after
deformation by HPT (green).
The sequence of the phase transitions is illustrated on the temperature dependence of the integral
intensities of the XRD lines measured for individual phases (Figure 7), i.e., 1011ω/1120ω, 110TiFe,
110β, and 1010α/0002α/1011α. For ω-Ti(Fe) and α-Ti(Fe), the sums of the integral intensities of the
measured lines were considered. For convenience, the integral intensities were converted into the phase
compositions by normalizing the phase composition of the respective alloy to the phase composition
from Table 2. This ‘external standard’ method neglects the effect of the possible changes in the preferred
orientation of crystallites due to the sample recrystallization and the effect of the Debye–Waller factor on
the phase composition, as the corresponding factors influencing the diffracted intensities are assumed
to remain constant. However, it gives a good overview of the phase transitions, as can be seen from the
almost monotonous and definitely reasonable trend of the TiFe phase fraction.
The beginning of the transformationω-Ti(Fe)→ α-Ti(Fe), which was observed during the DSC
measurement as an exothermic effect at 130 ◦C, results in a rapid decrease of the ω-Ti(Fe) phase
fraction and in a concurrent increase of the α-Ti(Fe) phase fraction. In alloy Ti-4Fe, the DSC peak
from the exothermal effect is slightly shifted towards higher temperatures. Upon further heating,
ω-Ti(Fe) continuously transforms into α-Ti(Fe). Above a temperature of 400 ◦C, all of the alloys exhibit
a two-phase microstructure containing the hexagonal α-Ti(Fe) and the cubic TiFe phase. The phase
amount of TiFe increases with increasing Fe content in the alloy. At temperatures above 500 ◦C and
below the eutectoid temperature, the supersaturated α-Ti(Fe) releases iron, which is subsequently
solved in the cubic β-(Ti,Fe) phase. Thus, β-(Ti,Fe) was formed by this process already below the
eutectoid temperature. At 562 ◦C, the eutectoid reaction occurs and TiFe transforms into the equilibrium
phases α-Ti + β-(Ti,Fe). A further temperature increase should lead to a continuously increasing phase
amount of β-(Ti,Fe) and a decreasing amount of α-Ti. This behavior was not observed during the
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HTXRD measurements, which is caused by the proceeding oxidation of the samples, which stabilizes
α-Ti. Therefore, the results of HTXRD measurements can be compared with the results of the DSC
measurements only up to temperatures of ~650 ◦C. In the alloys Ti-2Fe, Ti-4Fe, and Ti-10Fe that
were subjected to HTXRD, the CGHE analysis revealed the oxygen concentrations of 0.0374(3) wt.%,
0.0262(3) wt.%, and 0.0032(3) wt.%, respectively, which are much higher than prior to HTXRD.
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3.4. Thermodynamic Calculations 
A pressure-dependent thermodynamic description of the binary Ti–Fe system was generated 
with the aid of the CalPhaD (Calculation of Phase Diagrams) approach for a better understanding of 
the experimental observations and especially for validation of the phase stabilities and reverse 
transformation of ω-Ti(Fe) to α-Ti [49]. The details of the thermodynamic calculations will be 
described elsewhere [50]. Exemplarily, the temperature-pressure (t–p) phase diagram is shown for 
alloy Ti-4Fe (see Figure 8a). Figure 8b illustrates the effect of the chemical composition for the 
hydrostatic pressure of 10 GPa. In contrast to unary t–p phase diagrams, which solely contain single-
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Figure 7. Te perature dependences of the phase composition in alloys Ti-2Fe (a), Ti-4Fe (b), and Ti-10Fe
(c) obtained from the HTXRD measurements carried out upon heating. The integral intensities were
normalized to the phase compositions at the initial state of samples after HPT (Table 2). The intensities
of the diffraction lines 1010, 0002, and 1011 of α-Ti and α-Ti(Fe), and 1011 and 1120 ofω-Ti(Fe) were
summed up. The temperature axes of the HTXRD measurements were calibrated according to the
DSC measurements.
3.4. Thermodynamic Calculations
A pressure-dependent ther odyna ic description of the binary Ti–Fe syste was generated
with the aid of the CalPhaD (Calculation of Phase Diagrams) approach for a better understanding
of the experimental observations and especially for validation of the phase stabilities and reverse
transfor ation ofω-Ti(Fe) to α-Ti [49]. The details of the thermodynamic calculations will be described
elsewhere [50]. Exemplarily, the temperature-pressure (t–p) phase diagram is shown for alloy Ti-4Fe
(see Figure 8a). Figure 8b illustrates the effect of the chemical composition for the hydrostatic pressure
of 10 GPa. In contrast to unary t–p phase diagrams, which solely contain single-phase regions,
two-phase regions can be present in those binary t–p phase diagrams (calculated for a given binary
composition). The black lines represent either solvus lines or three-phase equilibria, with varying
pressure and temperature. The presence of two-phase regions become obvious if a binary t–p phase
diagram (Figure 8a) is compared with a t–w(Fe) phase diagram (Figure 8b). In Figure 8a, the vertical
dashed line marks the pressure value of 10 GPa in Figure 8b the alloy composition of Ti-4Fe.
For an ambient temperature, the thermodynamic calculations revealed that the α-Ti + TiFe
two-phase mixture, which is stable at ambient pressure, transforms at the pressure of ~0.8 GPa into a
two-phase mixture ofω-Ti(Fe) and TiFe. Thus, the applied pressure during the HPT (7 GPa) should be
sufficient for initiating the phase transformation of α-Ti + TiFe to ω-Ti(Fe) + TiFe. The high-pressure
phase persists, even after the HPT process, being stabilized by the interaction with other phases that
are present in the HPT samples.
In alloys that were annealed at high temperatures (800 ◦C) and subsequently quenched [26], the
high-temperature phase assemblage was retained for the iron contents ≥4 wt.%. In that case, the
transformation pathway was found to proceed from β-(Ti,Fe) or from an α-Ti + β-(Ti,Fe) mixture to
a β-(Ti,Fe) +ω-Ti(Fe) mixture [26,28,29]. However, it was also reported that minor amounts of α-Ti
are preserved after the HPT process. The initiation of the ω-Ti(Fe) transformation was found to be
very easy, which means that the phase transformation should already occur at low pressures [26]. The
metastable extension of the β-(Ti,Fe) + ω-Ti(Fe) region was thermodynamically calculated in order
to predict this behavior (see black dashed line in Figure 8a) by suspending the formation of the TiFe
phase. Thermodynamic calculations revealed that the phase transformation into the high-pressure
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phase assemblage should occur at room temperature already at the atmospheric pressure. This
indicates that the transformation to the high-pressure ω-Ti(Fe) phase should already occur at very
low pressures using HPT, which was also experimentally observed [26]. It is worth noting that the
CalPhaD calculations reflect the equilibrium state in the samples under hydrostatic pressures, which is
far away from the sample state that is generated in the HPT process. The main features of the HPT
process are (i) the large portion of torsional stain, which mainly induces shear stresses and (ii) the
short process times at ambient temperatures. However, the predicted transformations pathways are
comparable with those experimentally observed—the trends are correct.
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temperature–composition phase diagram calculated for the pressure of 10 GPa. The vertical dashed
lines mark the pressure value of 10 GPa (in (a)) and the alloy composition of Ti-4Fe (in (b)). The black
dashed line in the bottom left corner of panel (a) indicates the metastable extension of the β-(Ti,Fe) +
ω- i( e) region.
4. Discussion
4.1. HPT-Induced Formation of ω-Ti(Fe) in Samples Containing α-Ti As a Dominant Phase
Theω-Ti(Fe) phase can be produced in different ways in a HPT process. In previous studies, in
which Ti-rich Ti–Fe samples were heat treated at temperatures above the eutectoid reaction [25–28],
ω-Ti(Fe) was formed either from a single β-(Ti,Fe) phase or from a mixture of α′-Ti(Fe) martensite
and β-(Ti,Fe). In Reference [26], it was shown that the iron concentration and the phase composition
prior to the HPT process influence strongly the amount of the HPT-induced ω-Ti(Fe). For 4 wt.%
of Fe, the transformation β-(Ti,Fe)→ ω-Ti(Fe) already occurred at low pressures and it was almost
completed after few HPT rotations, because the coincidence of the lattice parameters of pseudo-cubic
ω-Ti(Fe) with the lattice parameter of β-(Ti,Fe) facilitates the diffusionless phase transition at this
particular Fe concentration. For 2 wt.% Fe, still approximately 80% of the sample was transformed to
ω-Ti(Fe) [26]. In the current study, the fractions of the ω-Ti(Fe) phase in samples Ti-2Fe and Ti-4Fe
(~50%, c.f., Table 2) were significantly lower than the amount of ω-Ti(Fe) in samples with the same
Fe content that were annealed at high temperatures [26]. The phase fractions of ω-Ti(Fe) produced
in samples with 10 wt.% Fe are very similar for different annealing temperatures and, therefore, for
different phase compositions prior to the HPT process.
The microstructure characterization using XRD and SEM confirmed that all of the samples under
study (Ti-2Fe, Ti-4Fe, and Ti-10Fe) contained α-Ti and TiFe after annealing at 470 ◦C for 4000 h.
The HPT induced the formation of the high-pressureω-Ti(Fe) phase, which also remained stable at
ambient conditions. Theω-Ti(Fe) phase was mainly produced from severely plastically deformed α-Ti,
which absorbed the majority of the deformation energy. The TiFe grains were only slightly affected by
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the HPT process. Still, the TiFe precipitates, which were ordered in chains along the grain boundaries of
the α-Ti phase in the annealed samples, were more randomly distributed after the HPT treatment, and
the amount of crystalline TiFe was slightly reduced (c.f., Tables 1 and 2). After the long-term annealing,
i.e., under thermodynamically equilibrium conditions, α-Ti can accommodate approximately 9.4 ×
10−3 wt.% Fe. This means that α-Ti is practically free of iron in the samples that were annealed at
470 ◦C and that theω-Ti(Fe) formation in these samples should be inhibited by the lack of iron in the
parent phase. On the other hand, the shift of the diffraction line 0002α-Ti(Fe) towards lower diffraction
angles, which is visible in Figure 5, indicates that the iron content in back-transformed α-Ti(Fe) varies
upon heating and, consequently,ω-Ti(Fe) did not originate from pure α-Ti, but from supersaturated
α-Ti(Fe) like in the samples from Reference [27].
Two approaches were used in order to estimate the iron content in ω-Ti(Fe). In the first one,
the iron content inω-Ti(Fe) was determined from the phase fractions before and after the HPT process.
This approach is based on the assumptions that the application of pressure does not significantly
change the homogeneity range of TiFe and that the residual hexagonal α-Ti(Fe), which is still present
after HPT, contains the same amount of iron, like the high-pressure ω-Ti(Fe) phase. In the second
approach, the iron content was estimated from the measured lattice parameter ofω-Ti(Fe) and from
the Vegard dependence of aω-Ti(Fe) known from literature.
The phase amount of α-Ti(Fe) is significantly reduced due to the formation ofω-Ti(Fe) (compare
Tables 1 and 2). However, the HPT process also reduced the amount of TiFe. Even though the decrease
of the phase fraction of TiFe after HPT is small, their variation falls outside the estimated error limit.
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For wαIni = 9.4 × 10
−3 wt.% Fe, wTiFeIni/HPT = 53.6 wt.% Fe, and for the phase compositions, according
to Tables 1 and 2, the Fe content inω-Ti(Fe) was determined to be wωHPT  1 wt.%.
The comparison of the lattice parameters was used as a complementary approach for the estimation
of the iron content in ω-Ti(Fe). In commercially pure HPT-deformed Ti samples, the lattice parameters
ofω-Ti were aω-Ti = 0.4627 nm and cω-Ti = 0.2830 nm [25]. The lattice parameters ofω-Ti(Fe) measured
for the iron-containing alloys in this study were aω-Ti(Fe) = 0.4620(1) nm and cω-Ti(Fe) = 0.2829(1) nm.
This confirms that iron atoms that are dissolved in the ω-Ti(Fe) phase lead to a reduction of the
elementary cell volume, as already stated in References [25,26]. Moreover, the change of aω-Ti(Fe) is
larger than the change of cω-Ti(Fe). At the iron contents of 4 wt.%, the pseudo-cubic lattice parameter
of ω-Ti(Fe) coincides with the lattice parameter of β-(Ti,Fe) [26]. The whole dependence of the
lattice parameter of β-(Ti,Fe) on the iron content was described in References [14,26,29]. The lattice
parameters aω-Ti(Fe) = 0.4603(6) nm and cω-Ti(Fe) = 0.2819(1) nm containing 4 wt.% Fe were calculated
using Equation (2) from the lattice parameter of β-(Ti,Fe) with the same amount of Fe (abcc = 0.3255(2)
nm) [29]. Assuming a linear dependence of the lattice parameter aω-Ti(Fe) on the Fe concentration
between Fe-freeω-Ti andω-Ti(Fe) containing 4 wt.% Fe, the iron content in the sample under study was
estimated to be approximately 1.2 wt.%. This value is in good agreement with the iron concentration
of ~1 wt.% that was concluded from the difference in the phase fractions before and after the HPT
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deformation. The lattice parameter aω-Ti(Fe) was used for the estimation of the Fe concentration in
ω-Ti(Fe), because it is more sensitive to the iron concentration than cω-Ti(Fe).
4.2. Thermal Stability of the HPT-Deformed Microstructure
At ambient conditions, all of the HPT-deformed samples contained a mixture of three phases,
i.e., α-Ti(Fe), TiFe andω-Ti(Fe). The phase amounts were different, depending on the alloy composition.
Upon heating, a relatively large exothermal DSC effect was registered at ~130 ◦C (onset temperature).
However, in alloy Ti-4Fe, the beginning of the exothermal DSC effect was less abrupt than for the other
alloys (compare Figure 4). The exothermal effect is related with the initiation of the decomposition
process of the pressure-inducedω-Ti(Fe) phase and with the release of the deformation energy. Similar
observations have already been made for pure Ti [51] and for Ti-1Fe [23]. At a temperature of ~320 ◦C,
the phase amount ofω-Ti(Fe) decreases abruptly. Between 400 ◦C and 450 ◦C, this metastable phase
completely disappeared (Figure 7). In a previous study [27] that was devoted to the investigation of the
thermal stability ofω-Ti(Fe) in HPT deformed metastableβ-(Ti,Fe) and α-Ti +β-(Ti,Fe) alloys, a cascade
of exothermal DSC effects was observed between 150 ◦C and 450 ◦C. These effects originated from the
gradual transformations ofω-Ti(Fe) to α-Ti(Fe) and from the defect annihilation and recrystallization
processes [27]. Moreover, the strongest exothermal effect was observed at around 380 ◦C, whereas
the released heat increases with increasing iron content within the investigated alloys. These results
demonstrate thatω-Ti(Fe) possesses a lower thermal stability, if it is formed from α-Ti (present work)
than if it is formed from β-(Ti,Fe). The differences in the phase composition of the HPT samples might
cause this difference in the stability of the pressure-induced ω-Ti(Fe) phase, but also by the differences
in the iron concentration in ω-Ti(Fe), because ω-Ti(Fe) originating from β-(Ti,Fe) possesses a higher Fe
concentration than ω-Ti(Fe) stemming from α-Ti(Fe). The ω-Ti(Fe) phase, which was formed from
the α-Ti + TiFe two-phase alloys contained approximately 1 wt.% Fe after HPT, whereas theω-Ti(Fe)
generated from metastable β-(Ti,Fe) alloys was found to contain ~4 wt.% Fe [26–28].
In the intermediate range between 400 ◦C and 562 ◦C, all of the alloys exhibit a two-phase α-Ti(Fe)
+ TiFe microstructure. At ~500 ◦C, which is still below the eutectoid reaction temperature, a shift of
the line 0002 from α-Ti(Fe) towards lower diffraction angles was detected by HTXRD, together with
the appearance of diffraction lines of β-(Ti,Fe). This phenomenon was already observed in former
studies [27,29], where it was assigned to a variation of the iron solubility in the α-Ti(Fe) phase. The
decomposition of the supersaturated α-Ti(Fe) phase to the equilibrium α-Ti phase is related to the shift
of the diffraction line 0002α-Ti(Fe) towards smaller diffraction angles. In the present work, this effect
is much less pronounced, because the phase amount ofω-Ti(Fe) only approaches approx. 50% after
the HPT process. A pronounced endothermic heat effect corresponding to the eutectoid reaction
β-(Ti,Fe)
 α-Ti + TiFe was registered at ~584 ◦C in the annealed, but not deformed, samples. The
eutectoid reaction temperature is in good agreement with References [14,40–43], where this reaction
was reported between 583 ◦C and 590 ◦C. After the HPT deformation, the measured temperature of
the eutectoid reaction was found to be lowered to ~562 ◦C. The same behavior was observed for the
β-(Ti,Fe)-transus temperature. Thus, strong deformations and/or small grain sizes of the α-Ti(Fe) and
TiFe phases, which are characteristic microstructural features after the HPT process, lead to a shift of
the equilibrium reaction temperatures towards lower values. Moreover, the development of the phase
fractions upon heating (Figure 7) shows, in contrast to the phase diagram (Figure 6), that the phase
amount of β-(Ti,Fe) does not continuously increase. At temperatures above 600 ◦C in the HTXRD
measurements, the phase amount of β-(Ti,Fe) stagnated, and even decrease in Ti-2Fe and Ti-4Fe.
The reason for that behavior is a slight oxidation of the samples during the HTXRD measurement.
The CGHE measurements revealed increased oxygen content inside the samples after the HTXRD
measurements (see Section 3.2), which confirms that the oxidation of the samples at high-temperatures,
even under high vacuum, could not be prevented. Oxygen is an element stabilizing the α-Ti phase [52].
Therefore, α-Ti is stabilized at temperature above 600 ◦C and, thus, no single-phase β-(Ti,Fe) state was
generated inside the samples upon further heating in the HTXRD device.
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5. Conclusions
The high-pressure torsion (HPT) treatment of two-phase Ti–Fe alloys consisting of a mixture ofα-Ti
and TiFe led to the formation of the high-pressureω-Ti(Fe) phase mainly at the expense of α-Ti. The
concentration of iron inω-Ti(Fe), which was ~1 wt.%, was alternatively estimated from the difference
in the phase fractions before and after the HPT process and from the measured lattice parameters of
ω-Ti(Fe). The overall iron concentration in the samples (2 wt.%, 4 wt.%, and 10 wt.% Fe) primarily
influenced the amount of TiFe, which inhibited the phase transition α-Ti→ω-Ti(Fe) to some extent,
in particular in sample containing 10 wt.% Fe. The comparison with previous investigations, which
were carried out on samples that were annealed above the eutectoid reaction, i.e., on samples mainly
containing β-(Ti,Fe), has shown that the high-pressureω-Ti(Fe) phase can be much more easy produced
from β-(Ti,Fe) than from α-Ti. Thermodynamic calculations confirmed this experimental finding. The
combination of in situ high-temperature X-ray diffraction and differential scanning calorimetry revealed
that ω-Ti(Fe) starts to decompose exothermically already at 130 ◦C. Still, it survives up to ~320 ◦C,
where its amount tremendously decreases. The thermal stability of ω-Ti(Fe) in the samples under
study was lower than in the alloys, which were annealed above the eutectoid reaction. Nevertheless,
the decomposition pathway via a supersaturated α-Ti(Fe) phase was also observed in the present work.
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